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ABSTRACT: A three-dimensional polybead model of the structure and large strain deformation of
amorphous polymeric networks is constructed and evolved via Monte Carlo techniques. The model has
successfully simulated various deformation conditions and been found to qualitatively capture the proper
state of deformation, rate of deformation, and temperature dependence of real amorphous polymeric
materials. Partitioning of the stress calculations indicates that strain softening following yield is a result
of the evolution of intermolecular contributions to the response whereas the strain hardening phenomenon
is a result of evolution in the intramolecular contributions. These calculations provide a fundamental
basis for development of continuum-level plasticity models and, indeed, support assumptions currently
used in successful constitutive models of the elastic—viscoplastic behavior of polymers.

1. Introduction

The underlying mechanisms of inelastic deformation
in amorphous polymers remain an open question. The
difficulties plaguing the task of probing the basic
mechanisms governing amorphous polymer behavior
stem from the complexities of the microstructure that
dominates the response of the material. The typical
structure for an amorphous polymer is that of an
entangled network of long linear chains. The entangled
network is rather random in nature in that the manner
in which the atomic constituents of the chains are
packed together resembles that of an atomic glass or
“frozen” liquid. In contrast to atomic glasses, additional
complexities are introduced by the connectivity of the
polymer chains which constrain the motions of the
atoms. Given that intrachain interactions are known to
be at least 1 order stronger than interchain interac-
tions,2 mechanisms that govern the mechanical re-
sponse of amorphous polymers as manifested in the
stress—strain behavior must be consistent with the
kinematic constraints of the chain structure. These
topological complexities make direct experimental iden-
tification of these mechanisms extremely difficult. Un-
derstanding the contribution of the inter- and intramo-
lecular interactions to the mechanical stress—strain
behavior can provide a better basis for continuum-level
modeling, as well as provide a more fundamental
understanding of the connection between structure and
properties in polymers.

The stress—strain behavior of amorphous polymers
is observed to depend on strain rate, temperature,
pressure, and state of strain (see Crist® and Boyce and
Haward* for recent reviews). As shown in the experi-
mental uniaxial compression data of Figure 1, the true
stress—true strain behavior is characterized by an initial
linear elastic response, followed by a nonlinear elastic
transition to yield, followed by yield, followed by strain
softening (a drop in the yield stress with plastic strain),
and followed by strain hardening (an increase in the
yield stress with plastic strain). The yield stress is found
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Figure 1. State of deformation dependence of mechanical
response for PMMA. Responses under uniaxial compression
and plane strain compression conditions are shown.

to increase with increasing strain rate, decreasing
temperature, and increasing pressure. The post yield
strain hardening behavior is found to strongly depend
on the state of deformation (Arruda and Boyce®). The
state of deformation dependence is also shown in Figure
1, where both uniaxial and plane strain compression
true stress—true strain behavior is depicted.

Any successful model for the inelastic deformation of
amorphous polymers, whether it be on a continuum
level or a molecular level, must be able to capture the
dependence of the stress—strain behavior on rate,
temperature, pressure, and state of deformation. In this
paper, a new approach to modeling the structure and
deformation of amorphous polymers on a molecular level
is presented utilizing Monte Carlo (MC) techniques. The
proposed model will be shown to capture the significant
dependencies of the stress—strain behavior and thus
provide a window into the underlying mechanisms.
Below, relevant background on various modeling ap-
proaches is first reviewed; the modeling approach used
in this work is then detailed. Results from the model
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including the dependence of the stress—strain behavior
on rate, temperature, and state of deformation are then
presented; the relative contributions of inter- and intra-
molecular interactions to the macroscopic stress—strain
behavior as well as the relevance of these results to
continuum-level constitutive models are discussed.

2. Models of Amorphous Polymer Deformation

Many studies have been performed in attempts to
understand the underlying physics governing the ther-
momechanical behavior of amorphous polymers.

Models of glassy state deformation have predomi-
nantly focused on the behavior of atomic/metallic glasses.
Molecular dynamics (MD) simulations by Deng et al.b
on atomic glasses find that plastic deformation occurs
as a result of local rearrangements which produce shear
transformations. They further find that the transforma-
tions essentially act as nucleation sites for additional
transformations, the percolation of which eventually
produces localized flow structure. Maeda and Takeuchi”
and Srolovitz et al.8 use molecular statics (MS) to model
the deformation behavior of three-dimensional metallic
glasses and employ the concept of atomic-level stresses
in their analysis. They generally observe that plastic
deformation is a result of highly localized heterogeneous
atomic rearrangements which generate local stresses
often considerably exceeding the applied stress.

Although the studies of atomic/metallic glasses pro-
vide interesting insights into the deformation behavior
of relatively simple systems, the presence of chain
connectivity makes the investigation of glassy polymer
deformation considerably more difficult. The numerical
investigations of Theodorou and Suter®1° using MS
techniques represent the first attempts to model the
mechanical response of glassy polymers. Although their
studies are limited to probing the elastic properties of
an idealized glassy polypropylene, the methods intro-
duced by their efforts are used in several subsequent
investigations including those of Mott et al.**1? and
Hutnik et al.1314 Mott studies the plastic deformation
of glassy polypropylene by using MS to probe the
athermal shear response of packed single-chain systems.
Mott's findings suggest that plastic deformation is a
result of abrupt shear transformations which involve
the cooperative motion of many degrees of freedom. Mott
indicates that these cooperative motions are a conse-
qguence of the highly constrained nature of the amor-
phous chain structure. Hutnik’s study of glassy poly-
carbonate produces similar results and indicates that
cooperative motion is a feature of deformation accom-
modation in glassy polymers independent of the chemi-
cal specificity of the chain.

Simulations of glassy polyethylene are performed by
Brown and Clarke!®> and McKechnie and Clarke!é using
MD techniques. The application of MD to the amor-
phous polymer deformation problem by these workers
allows them to investigate the effects of thermal motion
and attempt to correlate the obtained responses to
experimental results. Although the deformation rates
studied are much higher than those obtainable in
experiments, the qualitative rate dependence and tem-
perature dependence of the behavior under uniaxial
tension conditions is in fairly good agreement with real
amorphous polymer behavior. McKechnie's investigation
probes the effects of initial chain configuration proper-
ties on the resulting mechanical response. The results
suggest that both an increase in persistence length and
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fraction of trans conformers can independently contrib-
ute to enhanced strain hardening.

3. Modeling Methodology

Polymer structure and deformation can be modeled
using several different approaches, principally including
molecular statics, molecular dynamics, and Monte Carlo
techniques. The level of detail incorporated in these
modeling strategies varies from descriptions of elec-
tronic degrees of freedom to simple bead-spring repre-
sentations of polymer chains. Several of these ap-
proaches are discussed extensively in Binder and
Heerman.1” Although the details of the various models
are quite different, most require attention to four
features: (1) specification of local interactions, (2)
generation of network structure, (3) equilibration of the
system to obtain a desired initial state, and (4) applica-
tion of prescribed macroscopic deformation conditions.

The following sections describe the techniques em-
ployed in the present investigation to simulate amor-
phous polymer behavior. This work develops a Monte
Carlo model which will simulate structure and deforma-
tion of a model amorphous polymer over a fairly wide
temperature range by integrating techniques and indi-
vidual model arguments used by others into a unified
model.

3.1. Polybead Approximation and Local Interac-
tions. Approaches in the form of a polybead approxima-
tion have been implemented for quite some time in
models developed to probe polymer structure as well as
mechanical behavior. The polybead representation as-
sumes that the behavior of polymers is dominated by
the fact that the material is composed of long chains
with relatively rigid links. The chemical structure is
represented by interacting beads located along the
backbone of the chains. Examples of this approach
include the studies by Curro!® and Gao and Weiner1920
which consider the interactions of polybead chains at
melt temperatures. The structural representation used
in the present work is similar to that taken by Brown
and Clarke® and Weiner and Gao%2° in that chemical
structure is represented by polybead chains with bonded
interactions specified so that physically realistic con-
figurations can be achieved by the model.

In the polybead model, beads are connected by springs
with bond lengths governed by a harmonic potential,

1
Epona = Ecij(rij - by’ (1)

where rj; is the distance between adjacent beads i and
J, b is the equilibrium link length, and C;; is the bond-
potential coefficient.

The bond angle between any two adjacent links is
determined by another harmonic potential of the form

1
Eang = 2 Cijk(eijk - 90)2 (2

where 6jj« is the bond angle between consecutive beads
i, j, and Kk, 6, is the equilibrium angle of the potential
and Cjjk is the bond-angle-potential coefficient.

The torsion angle between the planes defined by
consecutive beads i, j, k, and j, k, | which physically
describes the rotation along the chain segment backbone
is governed by a 3-fold cosine potential:
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Eot = 2 Cijl(cos36y,) + 1] 3)

where i is the backbone angle of rotation; and Cijk is
the rotational angle potential coefficient.

The intermolecular interactions are described by a
Lennard-Jones-type potential:2!

o \12 o \6
=4y (—) — (—) forr; = 140
Eint rij rij for rij <1l.4o
=0forr;> 140
“4)

where y is the characteristic energy well of the potential,
o is the excluded volume radius, and r;j; is the distance
between particles i and j.

The Lennard-Jones (LJ) potential facilitates the
maintenance of a minimum particle spacing while
providing the system with a source of long-range cohe-
sion through its weakly attractive tail portion. A rela-
tively short truncation distance is used for computa-
tional convenience, which still allows the qualitative
effects of excluded volume to be represented. Also, first-
and second-bonded neighbors along the backbone of the
same chain are not affected by the intermolecular
interactions whereas particles associated with other
chains are always affected. Finally, it should be under-
stood that the links and beads in the network are not
meant to explicitly represent actual bonds present in
polymer chains but are instead viewed as larger scale
entities possibly representing groups of bonds or other
aggregate molecular structures.

The forms and parameters associated with these
interactions are chosen to be in accord with relation-
ships established in previous models of molecular-scale
behavior.1522 Namely, the bond lengths and angles are
assumed to be nearly fixed whereas the backbone
rotation is assumed to be relatively free. Table 1 shows
the parameter values used for the interactions described
in this section. The values are typical in that the relative
scaling of bond stretching, valence angle bending, bond
torsion, and intermolecular energies and dimensions are
consistent with those adopted by Sylvester,?2 Brown and
Clarke,!> and Ogura and Yamamoto.23

3.2. Network Generation. The technique used to
generate the polymeric network is a variant of the
method established by Theodorou and Suter.® The chain
contour is generated via a random walk process in which
each bond in the chain is considered to be one step in
the walk. The selected magnitude and direction of the
bond vector is governed by the local interactions as-
signed to the system. As it is desirable to generate a
system which is initially as close to equilibrium as
possible, the bond vector lengths and bond angles used
during chain growth are the equilibrium values specified
by egs 1 and 2, respectively. The dihedral angle is
randomly selected to produce an initially unbiased
distribution of conformers. The presence of intermo-
lecular or excluded volume interactions are not consid-
ered during the chain generation procedure. Attempts
to directly incorporate the effects of these interactions
on the selected bond vector directions can lead to
considerable difficulties.?*

The network is constructed by considering an as-
sembly of chains generated in the manner described
above, with the origin of each chain being specified by
the location of a generation “seed” which is placed within
the simulation cell. By specifying the spacing of these
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Table 1. List of Typical Parameter Values

parameter value
Cii 1674 kJ/A2/mol
Cijk 300 kJ/rad?/mol
Cijki 11.7 kJ/mol
b 1.47 A
6o 1.26 rad
o 353 A
y 0.352 kJ/mol

seeds, networks of varying particle number density can
be created. One simple way to ensure a relatively
uniform distribution of chains and particles is to dis-
tribute the seeds within the cell in a cubic pattern as
done in this work. Chains emanate from each seed via
the random walk process until reaching a desired
number of bonds. The locations of the seeds can be
perturbed from the lattice sites to introduce additional
randomness into the system. However, the random walk
nature of the chain growth process has been found to
provide an adequate degree of disorder for the system
without the perturbation of seed coordinates.

To minimize size effects, periodic boundary conditions
are prescribed for all cell directions. Although some
artifacts are introduced into the simulation as a result
of the periodicity condition in that cooperative motions
of the chains/particles necessarily imply simultaneous
cooperative motions of neighboring images, for processes
which are rather localized in nature (i.e., involve only
tens of particles), the interaction effects of images are
negligible.

To form a well-connected network, the ends of the
chain segments are attached to the nearest generation
seed that is within a specified tolerance distance. By
varying the size of the tolerance radius, the probability
that a generation seed falls within the tolerance sphere,
and thus the probability of a cross-linking occurrence,
can be adjusted. A similar cross-linking occurrence
criteria is implemented by Grest et al.?5> and Duering
et al.?6 in simulations of end cross-linked polymer melts.
Varying the number of chain segments generated, the
maximum number of cross-links allowed at each seed,
the number of links per segment, and the tolerance
radius produces networks with a wide range of topologi-
cal properties. The networks investigated in this study
are limited to either single-chain systems or monodis-
perse networks allowing a maximum of four chains per
generation seed (i.e., tetrafunctional cross-links) with
segment loops not being allowed to form (i.e., a chain
segment can not begin and end at the same bead),
although this feature can very easily be included.

3.3. Evolution of Structure. Molecular statics,
molecular dynamics, and Monte Carlo methods are the
primary techniques used to evolve material models that
account for the discrete nature of the material structure.
MS methods attempt to find the configuration sampled
by the model degrees of freedom through minimization
of the system total potential energy. The minimum
energy configurations found usually correspond to local
minima near the initial configuration. Application of
this technique to amorphous polymer simulations in-
clude the studies of Theodorou and Suter,®1° Mott et
al.,’* and Hutnik et al.1¥ MD methods attempt to sample
configuration and momentum phase space through the
use of Newton'’s equations of motion. MD applications
to amorphous polymer behavior include the deformation
simulations of Brown and Clarke®> and Gao and Wein-
er'®20 and the structural simulations of Sylvester.22
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In recent years, MC methods have become increas-
ingly prominent in materials simulation studies. Gener-
ally, the techniques rely on the applicability of the view
of material evolution as being stochastic in nature. MC
algorithms draw heavily from probability theory and
attempt to sample the most probable portions of the
system’s configuration phase space. As most of these
methods are based on sampling from statistical me-
chanical ensembles, temperature is explicitly incorpo-
rated and allows the technique to account for thermal
motion. Applications of MC to polymers include the
investigations of Curro!® and Lobe et al.?” As discussed
below, variations on the MC technique introduced by
Metropolis et al.?® are used in the present study to probe
the deformation behavior of amorphous polymers.

3.3.1. Metropolis Algorithm. The current work adapts
the basic Monte Carlo technique introduced by Metropo-
lis?8 in which the potential energy of the system is
calculated from the initial configuration of the structure
(generated by the network algorithm). Evolution of the
structure or particle motion is introduced by selecting
a particle and perturbing its position by a small random
displacement. The energy of the structure is then
recalculated, and the perturbed configuration is ac-
cepted as the new configuration with a probability of

(Ei+1 - Ei)
- T]} ®)

where E; is the potential energy of the current config-
uration, Ej;; is the potential energy of the perturbed
configuration, T is the absolute temperature, and k is
Boltzmann's constant.

In theory, by running the algorithm for a sufficient
number of cycles (where a cycle is defined here as
perturbing each particle once), the system continues to
evolve and eventually reaches a statistical steady-state
consistent with the constant particle-number/volume/
temperature ensemble (NVT). Variations on the algo-
rithm can be introduced to allow sampling of other
ensembles (e.g., NPT, NVE, etc.) (see Heerman?2°).
Because the algorithm requires some number of cycles
before reaching the equilibrium sampling condition,
accumulation of property data is typically not performed
until most of the important thermodynamic quantities
(i.e., energy, pressure, etc.) appear to reach a statistical
steady-state condition. Exactly when the steady-state
is reached is often difficult to determine, particularly
at low temperatures when the algorithm converges quite
slowly.

In practice, the magnitude of the perturbation dis-
placement is often adjusted to make the algorithm
efficient. This is done because very large displacement
magnitudes generally produce low acceptance rates
whereas very small displacement magnitudes produce
high acceptance rates but tend to make the system
sample phase space very slowly. For the present calcu-
lations, the displacement magnitude is adjusted so that
the percentage of accepted moves remains between 45
and 55%.

Given that the deformation of amorphous polymers
at low temperatures is inherently a nonequilibrium
process, the Metropolis algorithm, as applied in the
present calculations, requires reinterpretation. The
simulations presented consider the algorithm as a
minimization procedure in which the lowest energy
configuration attainable is governed by the amount of

p = min {1,exp
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available thermal energy and the number of Monte
Carlo cycles considered. For simulations of structures
being rapidly quenched from the melt to the glassy
state, the rapid cooling process effectively traps the
amorphous structure in a metastable state by making
the algorithm converge to a local energy minimum in
configuration space. In theory, the system eventually
“breaks out” of the local minimum and continues
towards the global minimum over a large enough
number of cycles. However, the simulations are typically
stopped once a local minimum is reached so that the
mechanical behavior of the nonequilibrium or “frozen”
liquid like behavior of the polymer structure can be
sampled in subsequent deformation simulations.

3.3.2. Preparation of Initial Structure. The initially
generated structures are not in equilibrium and must
be relaxed before deformation is applied. Annealing and
guenching are critical in that they strongly affect the
initial state of the network and thereby determine the
subsequent properties of the system. This is especially
true at low temperatures for which the Metropolis
algorithm samples very limited regions of phase space.
The annealing and quenching procedure followed in this
work can be summarized in 7 steps:

1. The Metropolis algorithm is applied at high tem-
peratures (T* ~ 50 where T* = KkT/y) in the NVT
ensemble before the introduction of any intermolecular
interactions to allow the bonded interactions to reach a
statistical equilibrium.

2. Intermolecular interactions are introduced through
the use of a modified soft sphere potential with the
radius being gradually increased while still running in
the NVT ensemble.

3. The Lennard-Jones potential is introduced, and the
system is allowed to continue equilibrating in the NVT
ensemble at high temperatures.

4. The system is compressed to the approximate
target density through an alternating sequence of affine
volumetric contraction jumps followed by some number
of minimization cycles at high temperatures.

5. The temperature is then reduced to the desired
value, and the system continues to relax at that tem-
perature in the NVT ensemble.

6. The system is then relaxed in the NPT ensemble
under compressive pressures to remove excess volume.

7. The pressure is then removed, and the system is
allowed to relax under pressure-free conditions in the
NPT ensemble until approximately reaching a steady
state in the energy and volume behavior.

Finally, the systems are loaded and unloaded under
uniaxial compression conditions up to a true strain of
—0.1. This deformation preconditioning has the effect
of removing any remaining excess volume and serves
to eliminate artificial structural instabilities. The mag-
nitude of the preconditioning strain was empirically
found to be large enough to create stable systems while
still small enough so that orientation-related anisotropy
was not induced in the network. This procedure appears
to be rather effective in creating systems which behave
like typical polymers in the sense that most thermome-
chanical phenomena are qualitatively reproduced.

3.4. Application of Macroscopic Deformation.
Deformation is applied to the model via a series of strain
increments followed by a number of Metropolis mini-
mization cycles. Incremental affine motion is used as
an initial guess for the particle positions during the
strain increment with the subsequent minimization
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cycles allowing the particles to find energetically favor-
able positions (as dictated by the constraints of the local
chain environment), thus producing a deformation field
which is inhomogeneous. The minimized configuration
is then used as the reference configuration for the next
strain increment. The number of minimization cycles
specified are such that deformation is continually ap-
plied before the system is allowed to fully thermody-
namically equilibrate. Varying the number of minimi-
zation cycles between increments allows the model to
qualitatively probe the effects of deformation rate
changes.

Magnitudes of strain increments explored range from
true strains of 0.001 25—0.01. Strain increments near
0.01 are found to be too large to give realistic responses,
with energy changes observed during these simulations
indicating that intermolecular energy values become so
large that the subsequent configurations sampled by the
particles may be physically unrealistic. Strain incre-
ments of 0.0025 or less are found to produce better
behaved energy measures. Trials comparing systems
using 0.001 25 increments and 0.0025 are found to
exhibit little difference in their behavior when the
number of minimization cycles between strain incre-
ments are specified so that the total number of cycles
attempted during each simulation is the same. The
results presented in this investigation are obtained from
systems employing the 0.0025 strain increments with
typical minimization schedules specifying 50—100 cycles
per strain increment. Techniques employing simple
shifting of displacement-controlled boundaries were also
explored but found to require a significant number of
minimization cycles (>100) between shifts before arti-
ficially dense or sparse regions (i.e., density “shocks”)
generated by the boundary motion diffused through the
system. The appearance of physically unrealistic density
shocks are observed by Ogura and Yamamoto?® using
simple boundary shifting and molecular dynamics meth-
ods to simulate polymer deformation at extremely high
strain rates.

Simulation of various states of deformation (e.g.,
uniaxial compression, plane strain compression, uniax-
ial tension), requires different combinations of traction
and displacement-controlled boundaries. Calculation of
internal stresses is facilitated through the use of the
virial stress theorem from statistical mechanics?! which
computes stresses by calculating all of the lines of force
which cross a plane “cut” in the network and averaging
this over all possible cuts. The inclusion of thermal
motion effects leads to the following form:

i iEr
o) \orm, (Fm)

where 7j; is the ij component of stress, V is the system
volume, N is the number of particles in the system, k is
Boltzmann's constant, ¢;j is the Kroneker 6, ry is the
distance between the mth interacting particle pair, E
is the potential energy due to the mth pair interaction,
xj and x; are the ith and jth components of the vector
separating the mth pair of particles.

The cell dimensions are adjusted every few MC
minimization cycles to maintain consistency between
the internal stress state (calculated via the virial stress
theorem) and the desired combination of externally
applied boundary tractions and displacements. These

— NKTo; + 5
m

Xi(m)xj(m)]
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Figure 2. Comparison between pair radial distribution func-
tions computed for a single chain and a network.

adjustments are facilitated through the use of a closed-
loop feedback procedure which interpolates between the
dimensions of the current configuration and those of a
“trial” configuration. The procedure is further simplified
by neglecting the effects of shear deformations on the
cell (i.e., the axes used to define the shape of the cell
are constrained to remain orthogonal to one another),
which from early trials were found to be negligible for
the systems considered.

4. Simulation Results

Simulations involving a variety of network param-
eters were implemented to probe the sensitivity of the
above-proposed methods to changes in network topology.
Both single-chain systems and multiple-chain systems
involving 1000—12 000 particles were simulated. Cross-
linked networks typically consisted of 250 chains with
40—50 particles per chain. Cell dimensions for these
networks ranged from 71 to 77 A on a side with the
specific values depending on the temperature of the
system being simulated. The reduced densities (defined
as p* = No°V) under pressure-free conditions were
approximately 1.4, 1.3, and 1.1 at reduced temperatures
(defined T* = kT/y) of 0.284, 1.42 and 2.84, respectively.

4.1. Validation of Initial Structure. The networks
display spatial correlations in structure appropriate for
glassy materials with strong short-range correlations
representative of inter- and intrachain first- and second-
neighbors and weak long-range correlations representa-
tive of random motion. Figure 2 depicts pair radial
distribution functions of a single chain and of a network
system computed with the present model. The distribu-
tions illustrate the short-range order resulting from the
relatively rigid bond lengths and angles and the weak
spatial correlation among particles at large topological
distances. The calculated pair radial distribution func-
tions compare favorably with those found from MD
simulations by Sylvester22 on polypropylene, MS inves-
tigations by Hutnik!* on polycarbonate, and experimen-
tal measurements by Wignall and Longmann®® on
polycarbonate and poly(ethylene terephthalate), indicat-
ing that the polybead approximation does not prohibit
the model from reproducing basic structural features
observed in simulations for which specific chemical
structures are modeled.

Bond length and angle distributions indicate that on
average the bonds are being stretched in tension and
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Figure 3. Plot of periodic cell and network bond vectors: (a) undeformed configuration and (b) after 70% true strain under

uniaxial compression conditions.

that the bond angles are on average being flexed “open”.
This shifting of the distributions away from the equi-
librium bond length and bond angle values is due to the
local effects of intermolecular repulsive interaction.
Torsion angles positioned in the closed (i.e., gauche)
configuration induce repulsive steric interactions which
tend to produce locally stretched bonds and flexed bond
angles at all temperatures investigated. Similar results
are found in the simulations by Sylvester on amorphous
polypropylene above and below the glass-transition
temperature. As in the pair radial distribution calcula-
tions, the consistency of the polybead results with
chemically specific simulations suggests that the ob-
served features of bond length stretching and bond angle
flexing are general characteristics of entangled chain
structures. Comparisons between bonded distributions
of single chain and network systems show that the long-
chain structures contain a small fraction of bond angles
which are flexed to a greater extent than is attributable
to thermal motion, indicating that the constraints
produced by the self entanglement of the long chain
locally hinder relaxation of a small number of bond
angles. Simulations on polybead type chains probing
relaxation behavior of multiple-chain systems at melt
temperatures appear to suggest that reptation type
processes occurring over long time scales would eventu-
ally eliminate the stretched and flexed bond and bond
angle outliers observed in the single-chain simulations.
However, the limitation of present computational re-
sources to short time scales and the approximation of
long-chain structures through the use of a single
periodic chain makes a direct interpretation of the
results in that context extremely difficult. In contrast
to the single chain systems, the presence of free ends
and relatively short chains in the cross-linked networks
appears to provide the chains with enough mobility so
that any extended bonds or flexed bond angles produced
during preparation of the structure have sufficient time
to relax out of the system during the annealing/
equilibration steps.

4.2. Stress-Strain Behavior. By looking at the
mechanical response of the system at low temperatures,
the general nature of how the system deforms in the
glassy state is probed. The results in Figures 3—5 are
obtained from a constant strain rate uniaxial compres-
sion simulation of a system consisting of 250 chains with
48 particles/chain at a reduced temperature of T* =
0.2841. The deformation increments in the simulation
are applied in 0.0025 strain increments with 100 MC
cycles allowed between each strain increment. Figure
3 displays the bond vectors of the network and bound-
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Figure 4. Simulated stress—strain response of large network
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paths are shown).
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Figure 5. Volume—strain response of large network under
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aries of the periodic cell before and after 0.7 true strain
is applied. The stress—strain response shown in Figure
4 has many of the important features observed in glassy
polymers. The response is initially stiff and linear but
eventually leads to nonlinear behavior near a strain of
0.02. The stress continues to increase in a nonlinear
fashion until a plateau in the response is reached near
a strain of 0.11. The peak is followed by an extended
region between 0.15 and 0.5 strain where the stress
decreases. In the strain range of 0.6—0.7 the response
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Figure 6. Macroscopic response of the network under uniaxial
compression, plane strain compression, and uniaxial tension.

begins to stiffen as the system exhibits strain hardening
behavior as indicated by the gradual increase in stress.
The nonlinear unloading path leaves the system with
an accumulated plastic strain of 0.65. Several other
unloading paths are also shown in the figure to dem-
onstrate that the model exhibits inelastic behavior and
that the unloading behavior is noticeably nonlinear even
after initial strain of less than 0.2. Although the exact
strain at which the stress peak occurs in this example
is higher than values observed for real polymers, the
simple polybead representation qualitatively captures
all of the salient features that define the characteristic
behavior of these types of materials.

The model also approximately captures the well-
known constant volume condition observed during plas-
tic flow (Figure 5). Initially, the system accommodates
applied deformation through the gradual compaction of
the particles exhibiting a Poisson ratio of 0.39. After a
strain of approximately 0.1, the material begins to flow
in a volume-conserving manner as the competition
between continual compaction of the particles and the
energetic infeasibility for doing so balance one another;
this coincides with the yield point and confirms the
distortional nature of plastic deformation of polymers.

4.2.1. State of Deformation Dependence. Figure 6
depicts the behavior of the network under uniaxial
tension, uniaxial compression, and plane strain com-
pression conditions. The constraint stresses required to
maintain the plane strain condition contributes to the
elevated response of the system by forcing all deforma-
tion to be accommodated by the lone unconstrained
direction. (Using a Mises equivalent yield stress mea-
sure, the equivalent yield stresses are found to be 56,
60, and 70 MPa in uniaxial tension, uniaxial compres-
sion, and plane strain compression, respectively. Note
that the applied pressure in these cases are —19, +20,
and +40 MPa respectively. These results clearly show
that yield stress increases with pressure.) The results
clearly show that the macroscopic flow stress is a
function of mechanical constraint with the high pres-
sures of plane strain deformation producing the highest
equivalent yield stress and the negative pressures of
uniaxial tension producing the lowest. At large strains
(i.e., strain > 0.4), the anisotropic evolution of orienta-
tion in the network increases the differences among the
three states of deformation. The simulation prediction
of the difference between uniaxial and plane strain

Modeling of Amorphous Polymer Deformation 3801

102 T T T T T

- ! x

LR T L S B
’(E N /\,V”\/\,’\J\,/ o \I“’\/\’u”\l O
ro [
% , oy v
s b
2]
[%2]
)]
A
-
w 1
(V]
]
A
l_ -
34 -, —  0(100) cycles/jump 4
--- O(75) cycles/jump
o . ) ) . . . 1
0 0.05 0.1 0.15 0.2 0.25 03 0.35 0.4

True Strain

Figure 7. Rate dependence of large network during uniaxial
compression. The rates are specified to obtain an approxi-
mately fixed number of Monte Carlo cycles during each
relaxation step. Higher strain rates correspond to fewer
numbers of cycles.

@
&
T

L

- b v
[P U]
(A5 AT Iy
N V N Vi v\l/\\ w4 ay
' [T o
B v ,'].. h vl |
[ A VW" na '\,’1 IS 4
[NV

b

'

True Stress (MPa)

[
r
T
.

ur ) !

{ 1\:"‘:[“1\ 'll:'“' b J’m!\ ‘I o, " ;s.
PR B C il o ity

[ h\y\,u'\. i 'ﬂl"““'m"i'v "W” \’5” [T i

. R AT A T L I L

0 0.1 0.2 0.3 04 05 0.6 07 0.8

True Strain

Figure 8. Temperature dependence of large network during
uniaxial compression.

A L
v
ST
WA
4 by
e

compression behavior compares well with that observed
experimentally, as reported earlier in Figure 1. The
predicted similarity in strain hardening under uniaxial
tension and plane strain compression conditions is also
in accord with experiments (for example, see Boyce et
al.3! and Arruda and Boyced).

4.2.2. Rate of Deformation and Temperature Depen-
dence. As discussed in the methodology section, the
model is capable of qualitatively capturing rate of
deformation effects on mechanical response. Figure 7
displays the response of the network uniaxially com-
pressed at two different rates. Decreasing the number
of MC cycles allowed between strain increments mimics
deformation at higher rates. The data illustrate that
higher applied deformation rates tend to elevate the
yield/flow stresses obtained from the system. Temper-
ature effects are also captured by the model as shown
in Figure 8. The data show a general trend of flow stress
decreasing with increasing temperature.

5.0. Contribution of Bonded and Nonbonded
Interactions

5.1. Evolution of Internal Energy. The contribu-
tion of the various interactions to the stress—strain
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Figure 9. Evolution of normalized internal energy changes

during uniaxial compression simulations of large network at
T* = 0.2841.

behavior can be examined further by monitoring the
evolution of internal energy. Figure 9 displays a nor-
malized measure of internal energy changes occurring
during loading and unloading at T* = 0.2841. At small
strains (0 < strain < 0.03), the energy changes are
dominated by the increase in intermolecular potential
energy, a result consistent with the decrease in mean
particle spacing induced during the elastic compaction
stage of deformation. Beyond a strain of 0.03, the
bonded energies begin to increase; the relative rate of
increase reflects the relative compliance of the particu-
lar degree of freedom (i.e., torsion interactions undergo
greater changes than the stiff bond stretching interac-
tions). Near a strain of 0.1, where the stress peak occurs,
the bond torsion energy increases rapidly and continues
to do so until approaching a plateau near a strain of
0.6. This transition near a strain of 0.1 coincides with
the leveling off of the intermolecular energy and the
initiation of constant volume flow behavior, suggesting
that the network is accommodating deformation through
the activation of some kinematic mechanism involving
bond rotations for which bond rotation is the most
accessible degree of freedom. After unloading, the bond
stretching energy returns to its initial value, reflecting
the relatively stiff interaction specified for the stretching
degree of freedom. However, the other energy quantities
remain at higher than predeformation levels, indicating
that mechanical work promotes the accumulation of
internal energy which can presumably be released
through annealing. The temperature effect on the
evolution of internal energy storage is shown in Figure
10 which shows the normalized energy changes at T*
= 2.841. A comparison between the results displayed
in Figures 9 and 10 shows that internal energy changes
are much less pronounced at higher temperatures. The
normalization by NKkT accounts for the initial potential
energy storage induced by thermal motion.

5.2. Partitioning of Stress. Macroscopic stress
consists of contributions from thermal motion, bonded
forces, and intermolecular forces. Calculations for single-
chain and network systems under pressure-free condi-
tions at various temperatures show that bonded con-
tributions are always tensile and nonbonded contri-
butions are always compressive (i.e., repulsive), sug-
gesting that the “locking in” of tensile bonded forces and
compressive intermolecular forces is a general feature
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Figure 10. Evolution of normalized internal energy changes
during uniaxial compression simulations of large network at
T* = 2.84.

of densely entangled chain systems. There appears to
be some ambiguity regarding the issue of stress parti-
tioning in previous studies. Although simulations like
those performed by Mott et al.* and Hutnik et al.13 help
confirm that glassy systems possess a distribution of
internal misfit stresses, relatively few studies have
probed issues regarding the relative contributions of
different types of interactions (i.e., bonded and non-
bonded) to the total stress state of amorphous polymeric
systems. Studies by Gao and Weiner3? on freely jointed
polybead chains in randomly oriented melts suggest that
at high reduced densities, the bonded and nonbonded
contributions to the total deviatoric (i.e., distortional)
stresses are compressive and tensile, respectively, a
result apparently at odds with the present observations.
However, Gao and Weiner obtain their results at high
densities using a constant volume ensemble which may
generate large enough hydrostatic pressures that the
total stress contributions from both bonded and non-
bonded sources are negative. Whether this is in fact so
is not clearly stated in their investigations. The study
conducted by Theodorou and Suter® also attempts to
address this point by calculating the bonded and non-
bonded contributions to the total stress in amorphous
polypropylene. Although the total stresses obtained by
the initial structures are characterized by the presence
of an initial nonzero stress “noise”, Theodorou and Suter
generally find that the bonded contributions to total
stress are slightly compressive and the nonbonded
contributions are slightly tensile. They further suggest
that these results are a general feature of amorphous
polymer structures and stand as strong evidence for the
validity of Flory’ assumption that polymer chains at
high concentrations behave ideally. However, their use
of initial densities fixed to correspond to values found
experimentally at temperatures of interest indicates
that the initial chain-packing arrangements obtained
may not be appropriate for the model parameters
selected when thermalized via alternative methods like
MD or MC under pressure-free conditions. The MD
study by Sylvester?2 on amorphous polypropylene using
parameters similar to those of Theodorou and Suter
demonstrates this point clearly by showing that under
atmospheric pressure conditions the bonded contribu-
tions to the total stress are markedly tensile for tem-
peratures ranging from below the glass transition to
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temperatures well above it. That this feature in the
Sylvester results and in the present results is not simply
an artifact of the strong steric hindrances induced by
the selected model parameters is shown from simula-
tions of systems at two temperatures under pressure-
free conditions using an L* = ¢/b value of 1.75 instead
of the value of 2.4 utilized in other systems. L* = 1.75
corresponds to a system in which the bias towards the
trans state due to intermolecular interactions is nearly
negligible. Although the magnitudes are greatly reduced
by the change in L*, the signs of the stresses follow the
same patterns as those found for the biased cases,
suggesting that the locking in of tensile bonded forces
and compressive intermolecular forces is a general
feature of densely entangled chain systems.

Figure 11 displays the individual contributions to
stress (i.e., thermal, bonded, intermolecular) for a
network deformed under uniaxial compression condi-
tions at T* = 0.2841. The figure shows that the initial
absolute values of the bonded and nonbonded compo-
nents are much larger than the maximum stresses
obtained from the overall response. By shifting the
individual components so that the initial values for each
contributor are 0O, the evolution of each stress can be
more clearly viewed (Figure 12). Figure 12 shows that
the initially stiff elastic response (0.0 < strain < 0.07)
has two significant contributions from both inter- (LJ
stress) and intramolecular (bonded stresses). The de-
parture from this initially stiff response signals the
onset of plastic flow (yield) and is characterized by a
rollover and plateauing of the intermolecular contribu-
tors to stress followed by a gradual decrease with
increasing strain. Upon yield, the bonded contribution
continues to increase but at a slope much lower than
that of the initial stiff elastic regime; during plastic
deformation, this monotonic increase in stress from the
bonded interactions is a result of the rotation of the bond
vectors toward the principal stretch directions. These
results demonstrate that the material strain softening
observed in numerous experimental studies is a result
of a decrease in the intermolecular barrier to deforma-
tion, as will be examined further in the Discussion. At
T* = 1.42 (Figure 13), the pattern is similar in that the
intermolecular component of stress is the sole contribu-
tor to the strain softening response, the intramolecular
component increases monotonically, and both compo-
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nents contribute significantly to the total stress in the
small strain (strain < 0.1) regime. The pattern continues
at T* = 2.841, as shown Figure 14 with the exception
that at this temperature the intermolecular component
of stress monotonically decays to a steady state (i.e.,
there is no initial increase in the intermolecular com-
ponent before it begins to soften).

6.0. Discussion

6.1. Macroscopic Stress—Strain Behavior and
Internal Energy Evolution. Physical interpretation
of the macroscopic behavior obtained from the simula-
tions requires an understanding of the material state/
structure represented by the model at various temper-
atures and strain rates. At low temperatures or
sufficiently short time scales, the behavior is governed
by the inherent resistances of the material structure.
In this regime, the structural barriers to deformation/
flow do not evolve appreciably over the time scale of
interest. It is in this regime that the description of
deformation as a stress-biased, thermally activated
process is most applicable.®334 This “isostructure” re-
sponse is characterized by the essentially fixed nature
of deformation energy barriers where direct use of
absolute rate theory to describe flow is justified.
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At the other extreme, deformation conditions involv-
ing very high temperatures or sufficiently long time
scales are characterized by structural relaxation phe-
nomena that allow the material to readily reach ther-
modynamic equilibrium. Behavior in this regime is not
adequately described by the conventional thermal ac-
tivation framework because energy barriers formed by
the structure may be rapidly modified because of
relaxation phenomena. Physical theories3® explicitly
consider the relaxation of the structure in obtaining a
model of polymer networks at high temperatures.
Statistical theories of rubbery networks assume that the
behavior is adequately described by equilibrium ther-
modynamic arguments where entropic forces are the
dominant contributor to the mechanical behavior.

Behavior in the transition region is characterized
neither by isostructure behavior or rapid structural
relaxation. Instead, the behavior displays features as-
sociated with both extremes. This hybrid or “leathery”
response is observed in polymeric systems near their
glass-transition temperature. The processes associated
with deformation in this regime are complex in that both
thermal activation and structural relaxation must be
considered in any theory attempting to explain the
behavior.

The present simulations incorporate 50—100 Monte
Carlo cycles between 0.0025 strain increments, giving
a total of O(1e5) minimization cycles attempted during
deformation up to 70% true strain. (A typical deforma-
tion simulation of a 12 000 particle system took ap-
proximately 12 CPU hours on a DEC Alpha 267 MHz
machine. The preparation of the initial structure typi-
cally requires 24—40 CPU hours on the same system.)
There is no direct way to actually correlate these cycles
with a real time scale. Comparisons between these
simulations and typical (MD) simulations (e.g., see
Brown and Clarke!%) in which a similar number of time
steps are used to obtain similar levels of strain suggest
that the deformations mimicked by the Monte Carlo
procedure physically represent strain rates on the order
of 108—10° s~1. The stress—strain responses clearly
indicate that a deformation state which induces high
pressures (i.e., plane strain compression) produces a
high-equivalent shear flow stress whereas a deformation
state which induces low or negative pressures (i.e.,
uniaxial tension) produces a relatively low equivalent
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flow stress. These results are consistent with what
would be observed in a polymer in either the glassy or
leathery regime. Physically, the sensitivity in glassy/
leathery polymers reflects the effects of applied pressure
on structural energy barriers. In the isostructural limit
(i.e., very low temperatures or very high strain rates),
applied pressure enhances the barriers to the relatively,
accessible bond torsion motions by making dilation of
the local atomic environment more difficult, as discussed
by Mott et al.1? Thus larger applied shear stresses are
required before generation of flow is possible.

The state of deformation sensitivity observed from the
simulations shown coupled with the high representative
strain rates suggest that the behavior reproduced by the
model at T* = 0.2841 captures basic features charac-
teristic of isostructural or glassy deformation. Although
a temperature of T* = 0.2841 indicates that the avail-
able thermal energy is on the same order as the energy
well for a single Lennard-Jones pair interaction (roughly
a 1—4 ratio of thermal energy to well depth), the strain
rates probed by the simulations appear to be too high
for significant structural relaxation to occur between
strain increments.

A direct assessment of the characteristic times (or
more precisely the number of Monte Carlo cycles)
associated with structural relaxation phenomena in the
model can in principle be obtained by simulation of
dynamic mechanical experiments. Unfortunately, present
computational resources are insufficient to carry out
such a formidable task which requires repeated cycling
of loading conditions over a wide range of temperatures
and “frequencies”. Instead, internal energy changes
observed during deformation are used as an indicator
of the type of behavior being reproduced by the model.
The increases in internal energy with strain shown in
Figure 9 clearly suggest that structural relaxation is not
occurring rapidly enough to offset the energy build up
due to deformation-induced distortion of the bonded/
nonbonded degrees of freedom. This is evident from the
energy changes observed upon unloading, which show
the bond angle bending, bond torsion, and intermolecu-
lar energy values remaining at higher than predefor-
mation levels. Although it is likely that entropic effects
play some role in determining the response of the model
under the simulated conditions, the locking in of torsion
angle and bond angle distortions as well as intermo-
lecular spacing changes shows that structural relaxation
on the time scale of the applied deformation is not
dominating the model behavior. This notion of deforma-
tion-induced internal energy storage is consistent with
observations from differential scanning calorimetry
experiments (DSC) on typical glassy polymers such as
polycarbonate, poly(methyl methacrylate) (PMMA), and
polystyrene specimens deformed to various levels of
strain.3¢

In the context of the discussion above, the responses
obtained by varying the number of minimization cycles
between strain increments at T* = 0.2841 shown in
Figure 9 thus represent strain rate effects on mechan-
ical behavior which fit in the framework of stress-biased,
thermally activated processes. As argued above, the
applied strain rates are high enough that the behavior
falls near the isostructural limit. The rate effect comes
about because of the imposed limitation on the amount
of time the system is allowed to sample a particular
structural state. Controlling the number of Monte Carlo
cycles (i.e., “time”) that the system is allowed to sample
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Figure 15. Schematic representation of network elements
used to model glassy polymers in a continuum framework in
Haward and Thackray. E denotes the linear elastic element;
V denotes the viscous element; and S denotes the network
orientation element.

also effectively controls the number of material “sites”
at each state (a quantity estimated through the use of
transition-state theory), thus allowing the system to
mimic rate effects during deformation.

The behavior described above is in strong contrast
to the results obtained from deformation simulations
at T* = 2.841 at similar strain rates. Although the
macroscopic stress—strain response of the network at
T* = 2.841 shares some features with the response
obtained at T* = 0.2841 (strain softening, extended flow
region), the internal energy changes at this temperature
suggest that there are fundamental differences between
the two cases. The relatively low flow stress values and
the apparent constancy of internal energy quantities
indicate that the behavior is phenomenologically at-
tributable to a viscous type dissipation mechanism or
configurational entropy effects or both. Structural re-
laxation is presumably occurring so rapidly that the
system is able to reach thermodynamic equilibrium
during deformation. In the context of the example
discussed previously, thermal fluctuations are occurring
rapidly enough that any deformation-induced free en-
ergy barrier biases have little effect on the equilibrium
distribution of state populations.

6.2. Stress Partitioning Evolution. The previous
discussions regarding overall mechanical response of the
polybead model network still leave open the question
of how the different types of interactions (intra- and
intermolecular) and their relative contributions to the
macroscopic behavior evolve with deformation. Although
investigations such as those by Boyce et al.>37 attempt
to address this issue in a continuum constitutive model-
ing context, relatively few efforts have been made to
explicitly determine the exact manner in which the
relative contributions develop. Boyce argues that the
behavior of a glassy polymer can be considered to be a
result of a combination of inter- and intramolecular
forces which can be schematically represented as a large
deformation theological network of the type first pro-
posed by Haward and Thackray3® (Figure 15). At small
strains, the elastic response is assumed to be a result
of intermolecular interactions which are represented by
the elastic element labeled E. During yield and steady
state flow, Boyce suggests that the observed strain
softening and flow is due primarily to an evolution of
material structure which acts to reduce the magnitude
of intermolecular barriers (represented by element V)
to segmental rotation until reaching a steady-state
condition. As the intermolecular barrier to flow is
overcome and proceeds to soften, the rotation of the
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chain segments leads to the parallel development of
orientation-induced strain hardening (element S).

The results shown in Figures 11 and 12 are believed
to be the first calculations illustrating the relative
contributions of various interactions to the macroscopic
response in a dense amorphous polymer system. Al-
though the analysis of Mott et al.!! showed the level of
internal stresses to be extremely high, their work does
not provide an explicit breakdown of the various con-
tributors to stress. As discussed previously, the initial
average intermolecular stress is highly compressive
whereas the initial average intramolecular stress is
highly tensile. Calculations during the deformation
simulations have shown that the signs of each contribu-
tion do not change. For clarity, the contributions from
intermolecular forces, intramolecular forces, and ther-
mal motion to the total stress response are shifted in
the figures so that each component begins at the origin.
The results show an initially stiff elastic response
dominated by both inter- and intramolecular contribu-
tions followed by the onset of flow characterized by a
leveling off and then softening of the intermolecular
contribution while the intramolecular contribution con-
tinues to increase. These results strongly support the
continuum-level approach used by Boyce et al.>37 The
softening behavior exhibited by the intermolecular
stress component is a result of several possible factors.
Changes in mean particle spacing in the direction of
loading can influence the intermolecular stress in that
direction. Reduced spacing elevates intermolecular com-
pression whereas increased spacing relieves it. For the
data shown in Figure 11, this suggests that mean
particle spacing is decreasing in the direction of loading
during the strain softening regime of the response.
Given that the density is approximately constant during
flow, it is unlikely that this is occurring. Another
possibility may be that the distribution of local densities
may be changing in such a way that softening occurs
while the average particle spacing remains unchanged.
Although the analysis of Mott et al.ll of pressure
changes during deformation indicates that temporary
dilation occurs during passage of a glassy structure over
a saddle point configuration, their results do not suggest
that evolution of the local free volume distribution
directly causes the strain softening phenomena. Recall-
ing Figure 12, the stress partitioning obtained during
deformation of the network at T* = 0.2841 under
uniaxial tension conditions was found to be qualitatively
similar to compressive behavior in that the intramo-
lecular stress increases monotonically, and the strain
softening effect is a result of intermolecular stress
softening. The nearly constant volume nature of this
deformation also indicates that if softening is a volume
effect, it must be due to some redistribution of local
densities. Attempts to find such a redistribution by
constructing contour plots of local densities were unsuc-
cessful, even though contour plots of local strains were
revealing.3®

A more likely and physically plausible explanation for
the softening is the occurrence of structural instabilities
that are continually relieved through the application of
shear deformation. Following arguments analogous to
those presented by Mott,’2 the phenomena is more
clearly visualized if intermolecular softening is consid-
ered to occur in a series of discrete steps. Figure 16 had
depicted a representative response of both inter- and
intramolecular contributions to the mechanical behavior
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Figure 16. Partitioning of stress for network at T* = 0.284
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in the glassy state. Both contributions increase with
applied deformation in a stable fashion until reaching
the peak in the overall stress—strain curve. At the initial
peak, the structure becomes unstable and jumps to a
configuration corresponding to a local free energy
minima, creating a drop in the intermolecular stress in
the process. The process proceeds as a continual se-
quence of deformation driven jumps over local free
energy barriers to lower free energy configurations, thus
producing the intermolecular strain softening effect.
After the system is driven to a sufficiently low free
energy state, subsequent jumps from minima to minima
no longer reduce the overall free energy of the structure.
At this point, the structure produces steady-state in-
termolecular flow behavior, as shown by the relatively
constant intermolecular stress. The simulations indicate
that the total drop in intermolecular stress between the
initial peak and the steady-state value can be larger
than the intermolecular stress increase obtained in
reaching the first peak! The monotonically increasing
intramolecular stress appears to provide stability during
the process by providing the structure with additional
resistance to deformation. A detailed description of how
various structural features evolve with deformation is
provided in related publications (see Chui*® and Chui
and Boyce*?).

The sensitivity of the observed intermolecular stress
softening to changes in temperature is shown in Figure
17, which plots the changes in intermolecular stress
with temperature for simulations at three temperatures.
The lowest temperature response corresponds to the
isostructure case discussed in the previous two para-
graphs for which the highest temperature response
corresponds to the viscous or “rubbery” behavior(T* =
2.841). Results from a simulation at an intermediate
temperature(T* = 1.42) are also shown. The data
indicates that temperature has a significant effect on
the magnitude of the drop in intermolecular stress
during strain softening with smaller drop occurring at
T* = 1.42 than that observed at T* = 0.2841. Physically,
this can be interpreted as meaning that the structure
begins closer to an equilibrium state at higher temper-
atures, thus reducing the amount of free energy falling
required before reaching a stable steady-state flow
condition. Structural relaxation is probably simulta-
neously occurring, enabling the system to more readily
achieve an equilibrium state. At this temperature, the
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Figure 17. Evolution of intermolecular stress at three tem-
peratures.

system still exhibits some features of isostructural
behavior in that the intermolecular response initially
increases with strain until reaching a peak, after which
softening effects develop. At the highest temperature
(T* = 2.841), no such increase is observed. The inter-
molecular stress exhibits softening immediately, indi-
cating that the initially metastable structure requires
little mechanical assistance before marching towards a
more stable state. That there is any evolution at all in
the intermolecular stress at this temperature suggests
that the system is not truly probing rubbery or ther-
modynamic equilibrium behavior but is instead still
reproducing a response characteristic of the transition
regime (i.e., leathery) behavior. Simulations at much
higher temperatures (T* > 10.0) appear to be necessary
before true rubbery behavior can be obtained.

7.0. Summary of Results and Conclusions

7.1. Model Development. A polybead network model
of amorphous polymers has been developed. The chain
interaction parameters are set so that bond stretching
and bond angle bending are much stiffer than bond
torsion. Long-range interactions and steric hindrance
are introduced by incorporating intermolecular interac-
tions of the Lennard-Jones-type which mimic short-
range repulsion and long-range attraction and act to
bias conformers towards the trans state.*3

By using a variation of previously developed random
walk-based chain growth techniques,® structures with
fairly low bonded energies can be initially generated.
The network generation algorithm is sufficiently general
so that networks with a wide range of topological
properties can be modeled through proper specification
of parameters such as cross-link functionality, cross-
link junction density, molecular weight distribution, and
cross-link tolerance distance.

The networks are evolved through use of the Me-
tropolis algorithm?® under isothermal—isochoric and
isothermal—isostress conditions. By using closed-loop
feedback control, mixed displacement and traction
boundary conditions are maintained efficiently. Defor-
mation is imposed on the networks through affine strain
increments followed by some number of Monte Carlo
cycles, thus producing rather heterogeneous overall
particle motions. By controlling the number of Monte
Carlo cycles allowed between strain increments, the
effects of deformation rate are mimicked.
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Equilibration of the initial structures is quite in-
volved, with a series of steps involving annealing,
cooling, and mechanical conditioning required to pro-
duce suitable systems. As shown in subsequent defor-
mation simulations, the preparation schedule appears
to be effective in creating networks which produce
mechanical behavior representative of amorphous poly-
mers.

7.2. Initial Structure. The networks display spatial
correlations in structure appropriate for glassy materi-
als with strong short-range correlations representative
of inter- and intrachain first- and second-neighbors and
weak long-range correlations representative of random
motion. Comparisons between bonded distributions of
single-chain and network systems indicate that the long-
chain structures contain a small fraction of bond angles
which are flexed to a greater extent than is attributable
to thermal motion, indicating that the constraints of the
long-chain system hinder relaxation of the system.

Stresses in the network are a result of thermal
motion, bonded forces, and nonbonded (i.e., intermo-
lecular) forces. Calculations for single-chain and net-
work systems under pressure-free conditions at various
temperatures show that bonded contributions are al-
ways tensile and nonbonded contributions are always
compressive (i.e., repulsive), suggesting that the locking
in of tensile bonded forces and compressive intermo-
lecular forces is a general feature of densely entangled
chain systems.

7.3. Macroscopic Mechanical Response. The mac-
roscopic mechanical response of the polybead model
qualitatively captures the proper state of deformation,
rate of deformation, and temperature dependencies
found for real amorphous polymeric materials. Specif-
ically, states of deformation which generate relatively
high hydrostatic pressures such as plane strain com-
pression and uniaxial compression produce higher flow
stress values than do other states of deformation, such
as uniaxial tension, which are subject to negative
hydrostatic pressures. Increasing temperature lowers
flow stress through the enhancement of structural
relaxation. Increasing the rate of deformation increases
the flow stress by reducing the amount of time allowed
for the system to relax between strain increments. The
behavior can be generalized by stating that conditions
which reduce the mobility of the chains (i.e., decreasing
temperature, or increasing pressure) relative to the rate
of deformation tend to elevate the resulting macroscopic
flow stress. The rates of deformation mimicked by the
simulations are believed to be high enough that the
model samples glassy (isostructural) and leathery (tran-
sition) behavior at the lowest and highest investigated
temperatures, respectively. The regimes of behavior
probed manifest themselves in internal energy mea-
sures which show significant increases during deforma-
tion of the glassy system and much smaller increases
during deformation for the leathery system.

The investigation of the evolution of the various
contributors to stress (i.e., intermolecular, intramolecu-
lar, thermal motion) during deformation found that the
strain softening observed in the overall response is
attributable solely to drops in the intermolecular con-
tribution to stress. The decrease is believed to be a result
of the system evolving from an initially high free energy
metastable state to lower free energy state during
deformation. The magnitude of the drop depends on the
temperature, in that systems prepared at very low
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temperatures are likely to begin at a relatively high free
energy local minimum, which means that larger free
energy drops and hence larger intermolecular stress
drops are required to reach a stable structural state.
The intermolecular barrier is observed to be somewhat
lower in uniaxial tension then in uniaxial compression,
thus explaining the origin of the pressure dependence
of yield. The evolution of the intramolecular contribution
to stress is found to be stronger in uniaxial tension than
uniaxial compression, thus explaining/confirming the
state of deformation dependence of postyield strain
hardening. These results provide a molecular basis for
the assumptions used in continuum-level constitutive
modeling of Boyce et al.3” and Arruda and Boyce® and
explain the success of these models in capturing finite
strain deformation of amorphous polymers.

The MC modeling technique presented in this paper
has been found to successfully capture the significant
structural features of amorphous polymers, as well as
the deformation behavior over a wide range of loading
conditions. The evolution in specific chain kinematics
corresponding to the studied deformation are discussed
in related work (Chui“® and Chui and Boyce*!). The
success of this approach motivates future studies in
which, for example, specific structural features could be
varied and their impact on macroscopic mechanical
behavior could be directly assessed.
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